
JOURNAL OF MATERIALS SCIENCE35 (2000 )1051– 1064

The effects of Al and Si additions on the

microstructures of precipitates in low

carbon steels containing Sn

X. LI, A. WATSON, R. BRYDSON, A. JHA, R. C. COCHRANE
Department of Materials, School of Process, Environmental and Materials Engineering,
University of Leeds, Leeds LS2 9JT
E-mail: a.watson@leeds.ac.uk

The microstructures of low carbon steels with Sn additions were investigated using
scanning electron microscopy, electron probe microanalysis, transmission electron
microscopy and energy dispersive X-ray spectroscopy. Four steels based on
Fe-0.9Nb-0.3Sn-0.05C (wt%) with different levels of Al and Si additions were prepared by arc
melting under an argon atmosphere. The effects of heat treatment and the level of alloying
elements Al and Si on the precipitation of Sn-rich phases were studied. After ageing at
1150◦C and 850◦C, NbC precipitates were found in all samples, as well as AlN in the higher
Al content steels. The concentration of Al in steel was also found to affect the formation of
Sn-rich compounds after heat treatment at 850◦C for 96 hours. In the lower Al or Al-free
steels, a η-Fe2Nb3 phase, which dissolves a significant amount of Si, was observed. In the
higher Al steels, a Fe2Nb-based Laves phase, which dissolves both Si and Sn was detected.
A mechanism based on both size factors and thermodynamic considerations is described,
which accounts for the experimental observations. C© 2000 Kluwer Academic Publishers

1. Introduction
The recycling of steel scrap is becoming increasingly
important for environmental considerations [1]. The
current UK target is to recycle up to 250,000 tonnes
of tin-can scrap per year by the year 2001. As a result,
the tin content of the steel will rise to higher levels, re-
sulting in the grain boundary segregation of elemental
Sn [1, 2]. Recent evidence [3] suggests that the forma-
bility and mechanical properties of deep drawing steels
will be compromised should the Sn content reach or ex-
ceed 0.05 wt %. No economic method currently exists
for the removal of Sn during steelmaking and existing
detinning plants have limited capacity. Environmental
considerations may also place constraints to the expan-
sion of detinning capacity. However, if Sn can be pre-
cipitated in an innocuous form, such as an intragranular
intermetallic phase, then this may be one way of coping
with increasing Sn additions which might be expected
in the future.

At present, Al cans are recycled separately from steel
cans at source as no particular advantage is gained by
using the Al in the course of steelmaking. If Sn-rich
compounds can be formed by deliberate additions of
aluminium to steel, then mixed loads of scrap could be
used with a saving in the costs of sorting scrap prior to
use, provided of course the steel has useable properties.

Of the possible alloying strategies, those based on
the formation of stable intermetallic phases seem most
appropriate. For example, both Al and Ti form stable
intermetallic compounds with Fe as does Nb. Whilst

the maximum solubility of Al and Ti inα-Fe is about
35 wt% and 10 wt% respectively, that of Nb is 1.2 wt%
[4]. Accordingly, a rather higher amount of Al and Ti
is required to produce intermetallic compounds com-
pared with Nb. In addition, Nb is known to form a stable
phase with Sn, Nb3Sn. It seems reasonable, therefore,
that a first attempt at ‘chelating’ Sn inα-Fe could ex-
ploit the propensity of Nb to combine with both Sn and
Fe. Although the levels required are well in excess of
what would be needed in Nb microalloyed steels, as an
indication that the principles were correct the Fe-Nb-Sn
system could be considered as a model system.

Previous studies of Fe-Nb alloys by the authors have
indicated that Sn is accommodated in the Laves (Fe2Nb)
phase in Fe-0.9Nb alloys [5]. This result is encouraging
as it suggests that provided the Laves phase is formed,
then Sn could be preferentially precipitated within it
removing the deleterious effects arising when Sn seg-
regated to grain boundaries. Whether this is the case
in low carbon steels is unknown since the presence of
other alloying elements will affect the stability of any
intermetallic compounds relative to carbides.

The aim of the present work was twofold. Firstly, to
examine the precipitate microstructure in the low car-
bon steels corresponding to the alloys investigated pre-
viously and secondly, to investigate the effects of Al and
Si on the stability of the Sn-precipitation. In this paper,
the results are presented in terms of the morphology,
crystal structure and composition of the precipitates ob-
served by a wide range of techniques, such as scanning

0022–2461 C© 2000 Kluwer Academic Publishers 1051



TABLE I Targetcomposition of steels prepared (wt%)

Alloy C Si Mn Al Sn Nb

S1 0.05 0.3 0.64 0.03 0.3 0.9
S2 0.053 0.34 0.64 1.97 0.3 0.9
S3 0.065 0.024 0.74 2.045 0.3 0.9
S4 0.061 0.022 0.046 ∼ 0.3 0.9

‘∼’ indicates the corresponding values are too low to be statistically
significant.

electron microscopy (SEM), electron probe microanal-
ysis (EPMA), transmission electron microscopy (TEM)
and energy dispersive X-ray spectroscopy (EDX). Ther-
modynamic calculations were carried out and com-
pared with the experimental observations.

2. Experimental procedures
2.1. Materials
Four alloys with different levels of Al and Si were pre-
pared by arc melting under an argon atmosphere. Re-
peated melting of the alloys was performed to ensure
macroscopic homogeneity of the cast material. The tar-
get chemical compositions (in wt%) of the steels used
in this study are listed in Table I. Here, the contents of
Nb and Sn were kept at the same levels as those in the Fe
alloys studied previously [5]. Although chemical anal-
ysis for nitrogen and oxygen content of the alloys was
not undertaken their levels were estimated to be 150
and 100 ppm respectively from previous work. The Mn
content in alloy S4 and the Si content in alloy S3 and
alloy S4 were calculated from the composition of the
high carbon steel used in the preparation of the alloys.

After melting, all alloys were first cold rolled to ap-
proximately 50% of the starting thickness and sealed
in silica tubes under a reduced pressure (0.2 atm) of
argon to minimise oxidation. The samples were heat
treated at 850◦C for 96 hours or 1150◦C for 1 hour,
followed by air cooling. The heat treatments used were
the same as used previously [5], the expectation being
that during heat treatment at the higher temperature the
material would be in the austenitic region, whereas the
material heat treated at the lower temperature would be
processed in the ferritic range.

2.2. Metallography
The as-cast structure of the remelted button indicated no
major segregation. The overall microstructures of the
steels following the different heat treatment conditions
were determined using standard metallographic proce-
dures. SEM, in back scattered electron imaging mode,
was used as a first step to examine the microstructure.
This technique can emphasise the compositional dif-
ferences between the various phases present. Linescans
of the various elements were performed using conven-
tional electron probe microanalysis which allowed de-
tection of very small concentrations of each element
as well as giving the elemental distribution within the
particles.

TEM techniques were used to characterise the pre-
cipitates present in all alloys. Thin foil specimens were

prepared by twin jet electro-polishing using a solution
of 300 ml ethanol, 150 ml 2-butoxyethanol and 50 ml
(60%) perchloric acid. The polishing temperature was
around−10◦C at a voltage of 15 V. The electron mi-
croscope employed was a Philips CM 20 TEM oper-
ated at 200 kV and equipped with an ultra thin window
energy dispersive X-ray spectrometer (EDX) system
(Oxford Instruments). Whilst performing microanaly-
sis, the specimen was held in a low background beryl-
lium holder tilted 15 from the normal towards the de-
tector. The X-ray count rate was optimised at about
1500–2000 counts s−1 over 100 seconds. The data were
acquired and analysed using a Link QX2000 system
and the RTS-2/FLS program for thin foil microanalysis.
This program corrects the data for atomic number and
absorption effects and takes into account the overlap-
ping of peaks by fitting the spectra to standard profiles.
K factors for calibration of the EDX spectra were taken
from the virtual standards supplied with the software.

3. Results
The microstructures of alloy S1 and alloy S2 aged at
850◦C and 1150◦C are shown in Figs 1 and 2 respec-
tively. They show that precipitates appeared in all sam-
ples and were mainly distributed along grain bound-
aries. For both alloys, the density of the precipitates
at 1150◦C (Figs 1b and 2b) is lower than that at 850◦C
(Figs 1a and 2a). The higher Al containing samples also
show more precipitates than those with lower Al com-
positions. As differing contrast in back scattered elec-
tron images indicates differences in composition, Fig. 2
also reveals that there is a phase which is darker than the
matrix and therefore richer in the low atomic number
elements. Similar microstructures were also observed
in the alloy S3 (high Al) and alloy S4 (Al free). Details
of the nature of these phases will be described later in
this section.

For the lower Al containing steel (Alloy S1) aged at
850◦C, EPMA line scans of C, Nb, Si and Sn (Fig. 3a–d)
across two types of precipitates revealed that the larger
precipitate was enriched in Nb and Si, while the smaller
precipitates were enriched only in C and Nb. Sn was
not detected in either type of precipitate. For the higher
Al containing steel (S2) aged at 850◦C, the line scan
analyses of the same elements (Fig. 4a–d) indicate that
one type of bright precipitate was similar to that in
the previous sample, i.e. in that it contained C and Nb.
In addition to the enrichment of Nb and Si, the other
type of precipitate, also contained Sn, albeit at a low
level.

Fig. 5a–d are the EPMA line scans of C, Nb, N and
Al across the dark precipitates in the higher Al steel
(S2) which revealed that these particles were enriched
in N and Al. Adjacent to the large dark AlN particles
are smaller precipitates enriched in Nb and C. It appears
that NbC had nucleated on the surface of the AlN par-
ticles, which was subsequently confirmed in the TEM
observation.

After ageing at 1150◦C, the C and Nb rich precipi-
tates were found in all samples, however, AlN was still
only observed in high Al content steels.
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Figure 1 SEM micrographs of the steel S1: (a) 850◦C for 96 hours and (b) 1150◦C for 1 hour.

Further analysis of the microstructures of the pre-
cipitates was carried out using selected-area diffraction
(SAD) in the TEM. Fig. 6a is a typical TEM micrograph
of the C and Nb-rich phase present in the lower Al steel
aged at 1150◦C. From the statistical results of more than
ten different observations, the particles were found to
be 0.1–1µm in diameter and ranging from near spher-
ical to elliptical in morphology. A typical SAD pattern
from this type of precipitate is shown in Fig. 6b, and is
consistent with the NbC phase which has an f.c.c. crys-
tal structure with a lattice parameter ofa= 0.447 nm
[6]. By combining the results from SEM and EPMA,
it can be concluded that the C and Nb enriched phase
observed in all samples is the cubic monocarbide NbC.

Fig. 7a is a bright field TEM micrograph of the lower
Al containing sample aged at 850◦C. SAD patterns and
EDX analyses obtained from the precipitates are consis-
tent with theη-Fe2Nb3 phase which has an f.c.c. crystal
structure with a lattice parameter ofa= 1.126 nm [7].
This type of particle normally adopts an irregular shape
and has a size of about 1 to 5µm, and grain boundaryη-
Fe2Nb3 particles have also been found. A typical SAD
pattern of this type of precipitate is shown in Fig. 7b,
which is from a zone axis of [̄111]η.

The microstructure of Nb, Si and Sn rich precipi-
tates in the higher Al steel aged at 850◦C is shown in
Fig. 8a. This micrograph is taken from the grain bound-
ary region. A typical SAD pattern, which is consistent
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Figure 2 SEM micrographs of the steel S2: (a) 850◦C for 96 hours and (b) 1150◦C for 1 hour.

with the Fe2Nb-Laves phase having a hexagonal crys-
tal structure and lattice parameters ofa= 0.4830 nm
andc= 0.7879 nm [7], is shown in Fig. 8b. The size of
the Laves phase particles varied from 0.2 to 2µm. It
has been observed that some Laves phase particles con-
tained fine striations and the SAD patterns taken from
them contained many streaks which were perpendicular
to the fine striations suggesting a faulted structure [8].

Fig. 9a shows a bright field micrograph of a precip-
itate in the higher Al steel aged at 850◦C. This type
of particle was found to be about 3–4µm in diame-
ter adopting a polygonal shape. The large Al and N
rich particles were randomly distributed in the matrix
and were considered to be formed during solidification.
However, these particles were found only occasionally
in the TEM foils. Also this particle is normally much

thicker than the adjacent matrix region within the foils
and, therefore, it was difficult to produce diffraction pat-
terns and accurate EDX analyses. To solve this prob-
lem, ion beam thinning was used to further thin the
TEM foil, and SAD and EDX analyses were carried
out in the thinnest areas of the samples very close to
the electro-polishing hole. A typical SAD pattern from
this large type of precipitate is given in Fig. 9b which is
consistent with AlN with an hexagonal crystal structure
and lattice parameters ofa= 3.11 nm andc= 4.98 nm
[6]. It should also be noted (shown in Fig. 9a) that there
is a cluster of NbC particles nucleated on this coarse
AlN particle.

TEM examinations were also carried out for alloys
S3 and alloy S4 and a summary of the observations is
given in Table II showing the difference between the
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Figure 3 EPMA line scan analyses across precipitates in steel S1 after
ageing at 850◦C for 96 hours showing the larger precipitate is rich in
Nb and Si and the smaller precipitate contains C and Nb. Sn was not
detected in either type of precipitate: (a) Line scan of C, (b) Line scan
of Nb, (c) Line scan of Si and (d) Line scan of Sn.

Figure 4 EPMA line scan analyses across precipitates in steel S2 after
ageing at 850◦C for 96 hours showing one type precipitate is rich in C
and Nb and the other type of precipitate contains Nb, Si and Sn: (a) Line
scan of C, (b) Line scan of Nb, (c) Line scan of Si and (d) Line scan of
Sn.
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Figure 5 EPMA line scan analyses across precipitates in steel S2 after
ageing at 850◦C for 96 hours showing the dark precipitate, which is rich
in N and Al, co-existing with C and Nb rich particles: (a) Line scan of
C, (b) Line scan of Nb, (c) Line scan of N and (d) Line scan of Al.

phases observed in the four steels. It can be seen from
this table that the Sn-rich Laves phase occurred in the
two higher Al-containing alloys (S2 and S3) but did
not appear in the lower Al (S1) and Al-free (S4) steels

TABLE I I Precipitates observed after ageing under given conditions

Materials 1 hour at 1150◦C 96 hours at 850◦C

S1 NbC NbC,η-Fe2Nb3

S2 NbC, AlN NbC, AlN, Laves-Fe2Nb
S3 NbC, AlN NbC, AlN, Laves-Fe2Nb
S4 NbC NbC,η-Fe2Nb3

TABLE I I I Compositions of the Nb-rich precipitates obtained by
EDX in TEM (wt%)

Alloys Phase Fe Nb Al Mn Si Sn

S1 Matrix 98.30 0.56 ∼ 0.59 0.34 0.35
Fe2Nb3 29.64 66.86 ∼ 0.20 3.64 ∼

S2 Matrix 96.71 0.23 2.02 0.47 0.36 0.21
Fe2Nb 47.07 46.73 0.33 0.46 3.94 1.46

S3 Matrix 96.46 0.51 2.04 0.68 ∼ 0.13
Fe2Nb 50.92 43.52 0.43 0.55 1.14 3.47

S4 Matrix 98.38 0.57 ∼ ∼ ∼ 0.23
Fe2Nb3 37.26 62.41 ∼ ∼ 0.34 ∼

’∼’ indicates the corresponding values are too low to be statistically
significant.

in which the metastableη-Fe2Nb3 phase was found.
The average of over five quantitative EDX analyses (in
wt%) for Nb-rich precipitates in the four steels aged at
850◦C is given in Table III.

It can be seen from Table III that theη-Fe2Nb3 phase
contained the elements of Fe, Nb and Si while the
Fe2Nb-Laves phase contained the elements Fe, Nb, Si
and, most importantly, Sn. This result is consistent with
the above EPMA observations. The levels of the ele-
ments in the Laves phase and theη-Fe2Nb3 phase var-
ied due to the different matrix compositions. This will
be discussed later.

It should be pointed out that as the concentration of
Al in the Laves phase is significantly lower than in the
matrix this suggests that the Laves phase is deficient in
Al and essentially Al-free. Also, as the level of Mn in
both types of precipitates are of the same order as in
the corresponding matrix, the change in the precipitate
compositions is mainly due to the change in the content
of Fe, Nb, Si and Sn of the alloy.

4. Discussion
4.1. Precipitation of AlN and NbC
The phases identified are largely as expected on ther-
modynamic grounds. The presence of AlN and NbC
follows from their relative solubilities in the Fe-rich ma-
trix. Thermodynamic calculations suggest that for the
alloys studied at 1150◦C and 850◦C there are would
be .52 (at 1150◦C) and .47 (at 850◦C) wt%Nb, and
.003 wt %Al precipitated as NbC and AlN respectively.
AlN is predicted to be stable in alloys with high Al
additions. Several instances of co-precipitation of mi-
croalloy carbides and/or nitrides have been reported
elsewhere [9]. Consequently, in view of the aluminium
content, observations of NbC precipitating on existing
AlN is consistent with previous observations.

Many of the precipitates shown in Figs 1 and 2 ap-
pear to be aligned, suggesting they have nucleated on
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Figure 6 NbC formed in steel S1 after the ageing at 1150◦C for 1 hour: (a) bright field image and (b) SAD pattern of NbC from zone axis of [001].

previous grain boundaries which would have had a
higher energy and greater atomic disorder than the grain
interiors. For all alloys, the microstructure of the matrix
after heat treatment at 1150◦C and 850◦C followed by
air-cooling was bcc ferrite. However, the number den-
sity of the precipitates after heat treatment at 1150◦C is

lower than that at 850◦C. This is due to the precipitation
of the Nb-intermetallic which is soluble at the higher
temperature. At both temperatures, the number density
of the precipitates in the higher Al containing steel is
higher than that in the lower Al composition material.
This is due to the precipitation of AlN. As shown in

1057



Figure 7 η-Fe2Nb3 phase formed in the lower Al steel S1 after ageing at 850◦C for 96 hours: (a) bright field image and (b) SAD pattern from zone
axis of [1̄11]η.

Figs 5 and 9, the AlN particles are much larger than the
NbC particles which appear to have precipitated hetero-
geneously on the surface of the AlN particles suggesting
that AlN aids nucleation of the carbide precipitates by
providing favourable sites.

4.2. Precipitation of intermetallic phases
After ageing at 850◦C, the intermetallicη-Fe2Nb3 and
Fe2Nb-Laves phases were found in the low (or Al-free)
and high Al-content alloys respectively. It has been re-
ported that theη-Fe2Nb3 phase is not stable in the Fe-Nb
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Figure 8 Fe2Nb-Laves phase formed in the higher Al steel after ageing at 850◦C for 96 hours: (a) bright field image and (b) SAD pattern of
Fe2Nb-Laves phase from zone axis of [2̄110].
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Figure 9 AlN formed in the higher Al steel after ageing at 850◦C for 96 hours: (a) bright field image and (b) SAD pattern of AlN from zone axis of
[011̄1].
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Figure 10 The amounts of phase present as predicted by thermodynamic calculation, in an alloy based on the composition S3, but the Nb content
varying from 0 to 4 wt%.

system but is metastable with slow cooling rates [10,
11]. The phase found in the steel S1 was found to con-
tain about 30 Fe, 67 Nb and 4 Si (wt%), showing strong
partitioning of Si to the Fe2Nb3 phase (Table III). Even
in the lower Si containing steel (S4), a small amount of
Si was detected in this type of particle. However, the
η-Fe2Nb3 phase was not detected in the two higher Al
containing steels. This result suggests that it is Si not
Al that has a stabilising effect on theη-Fe2Nb3 phase.

Thermodynamic calculations were made using the
MTDATA [12] suite of programs and thermodynamic
data recommended by the SGTE [13] supplemented
by data taken from the literature [14, 15]. Because of
the limitations of the database only Fe and Nb were
allowed in the Laves phase. Thermodynamic data for
the Fe2Nb3 phase was not available either, and hence it
wasn’t possible to predict the precipitation of this phase.
A series of calculations were made for an alloy with a
composition equivalent to alloy S3 at 850◦C but with Nb
contents between 0 and 4 wt% (Fig. 10). It was found
that the bcc-phase, NbC and AlN were present at low Nb
levels, the NbN phase being precipitated in preference
to AlN at levels above about 1.2 wt% Nb. The Laves
phase wasn’t predicted to precipitate until the level of
Nb was about 3 wt%. The preferential precipitation of
NbC is consistent with experiment. However with Al
additions, the Laves phase was observed when the Nb
content of the material was 0.9 wt%. This suggests that
Al accelerates the formation of the Laves phase, but
without it being incorporated within the precipitate.

The enthalpies of mixing for Al-Sn alloys (Fig. 11)
calculated from thermodynamic data are positive indi-
cating the presence of a metastable miscibility gap at

lower temperatures. On the other hand, the enthalpies
of mixing of the liquid phase in the Fe-Al system is
large and negative. If the enthalpy of mixing curve can
be taken as representative of the mutual attraction be-
tween the pairs of elements, the implication is that it
is energetically more favourable for Al to be in an Fe-
environment rather than in the presence of Sn. On the
other hand, the enthalpies of mixing of Nb-Sn alloys
have been estimated to be more negative than Al-Sn
[16, 17] indicating attraction between these two ele-
ments. If this concept is then extended to the solid state
it can be envisaged that there will be an attraction be-
tween the Nb and Sn atoms and a repulsion between the
Al and Sn. This encourages the formation of the Laves
phase, even though following thermodynamic calcula-
tions as shown above, the Laves phase would not be
expected to precipitate at the level of Nb used in the
experiments. It is the interaction between the Sn and Al
which then leads to the stabilisation of the Laves phase
by Sn.

It has been noted that Si is enriched in both the
Fe2Nb-Laves phase and theη-Fe2Nb3 phase while Sn
was only dissolved in the Fe2Nb-Laves phase by sub-
stitutional solution. The relative stability of both types
of phases is mainly determined by the size difference of
closely packing atoms. The Fe2Nb Laves phase has the
C14 MgZn2 (A2B)-type crystal structure and the ratio
of the Goldschmidt atomic radii of the pure elements
forming the MgZn2-type phases (RB/RA) varies from
1.05 to 1.40 [18]. Theη-Fe2Nb3 intermetallic phase,
first reported by Goldschmidt [19], is f.c.c. of the pro-
totype Ti2Ni (A2B) and in all of these types of com-
pounds the average value of the radius ratio RA/RB
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Figure 11 Enthalpy of mixing curves for binary liquids Fe-Al [13], Nb-Sn [16] and Al-Sn [13].

TABLE IV Lattice Spacings (a) and Goldschmidt atomic diameters
(d) of the Fe, Nb, Si and Sn elements

Elements Crystal structure a (nm) [20] d (nm) (calculated)

Fe bcc (α) 0.248 0.256
Nb bcc 0.286 0.294
Si diamond 0.235 0.263
Sn diamond 0.281 0.315

for the binary phase is 1.19 [18]. For individual com-
pounds, the values do not deviate from the average by
more than 6% giving a range of 1.12–1.26. The Gold-
schmidt atomic diameters for Fe, Nb, Sn and Si are
calculated according to the crystal structure of the pure
elements [20] and are listed in Table IV.

From these values, we can obtain the ratios of the
Goldschmidt atomic diameters for Fe, Nb and Si which
ared(Si)/d(Fe)≈ 1.03,d(Nb)/d(Si)≈ 1.12. The ratio
of d(Si)/d(Fe)= (1.03) is outside the range for the for-
mation of the Laves phase. Therefore, if Si is dissolved
in the Fe2Nb Laves phase, Si atoms would be expected
to replace Fe due to their similar atomic size therefore
producing less strain in the lattice than Si substituting
for Nb. This can be seen from Table III and Fig. 12a that
the Fe content of the Laves phase in alloy S2 (higher in
Si) is less than that in alloy S3 (lower in Si), suggesting
Si additions replace Fe in the Fe2Nb-Laves phase. The
present results confirm the work of Singh and Gupta
[21] and Bardoset al. [22]. Similar arguments sug-
gest that Si additions would also replace Fe in theη-
Fe2Nb3 phase resulting in the lower Fe content of the
η-Fe2Nb3 phase in the higher Si alloy S1 (30 wt%)
than that in the lower Si alloy S4 (37 wt%), as shown in
Fig. 12a.

The Goldschmidt atomic diameters for Fe, Nb and
Sn give the atomic size ratios ofd(Nb)/d(Fe)≈ 1.15,

Figure 12 The compositions ofη-Fe2Nb3 and Fe2Nb-Laves phases: (a)
Fe and Nb content and (b) Si and Sn content.

d(Sn)/d(Fe)≈ 1.23 andd(Nb)/d(Sn)≈ 0.93. There-
fore, introducing Sn into the Fe2Nb Laves phase would
result in Sn substitution for Nb. From Table III and
Fig. 12a, it can be seen that the Nb content of the Laves
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phase in the lower Si alloy S3 (∼44 wt % Nb) is less
than that in the higher Si alloy S2 (47 wt% Nb). As Si
additions replace Fe in the Laves phase, this suggests
that Sn atoms would replace Nb in the Fe2Nb Laves
phase, rather than Fe.

In the η-Fe2Nb3 phase, atomic size conditions re-
quire that Sn could only replace Nb within theη-Fe2Nb3
structure. However, Sn is not detected in theη-Fe2Nb3
phase. This result indicates that size factor considera-
tions alone are inadequate to explain the phenomenon
found here. Other effects such as crystal structure and
atomic ordering arrangements of the phases involved
should be considered as these are also important fac-
tors affecting the formation and the stability of alloys
phases. For example, in the hexagonal Fe2Nb Laves
phase, the large Nb atoms occupy the coordination
number (CN) 16 sites with 4 Nb atoms and 12 Fe atoms
as neighbours. The packing of the two sets of atoms is
such that only like atoms are in contact. In the f.c.c.
η-Fe2Nb3 phase, as its composition deviates from A2B
stoichiometry, the atomic ordering arrangements of Nb
and Fe are not clear. In its prototype, Ti2Ni, the larger
atoms (Ti) occupy two different coordination number
sites. The CN 12 sites have an equal number of Ti and
Ni neighbours, and the CN 14 sites, have 10 Ti and 4 Ni
neighbours. We would expect Nb inη-phase to behave
like Ti. If this is the case, Nb in theη-phase would have
a different coordination number to that in the Laves
phase. These differences in coordination number may
result in the ability for Sn to replace Nb atoms in the
Fe2Nb Laves phase but not in theη-Fe2Nb3 phase.

By comparing the compositions of the precipitates
in alloys containing the same levels of Si, i.e. steels
S1 and S2 which contain about 0.3 wt% Si and steels
S3 and S4 which contain about 0.02 wt% Si, it seems
that the Laves phase dissolves more Si than the cor-
respondingη-Fe2Nb3 phase (Table III and Fig. 12b).
This is consistent with the work of Goldschmidt [19].
It has been noted that the amounts of Sn dissolved in
the Laves phase for steel S3 is higher than that in steel
S2 (Fig. 12b) which dissolved a higher amount of Si.
This reflects the limited solubility of the third element
in the Laves phase, which may be due to electronic con-
centration requirements as both Si and Sn are in group
(IVB) of periodic table.

The concept of size factor in determining phase sta-
bility is not new [20] but it would appear from this study
that ternary additions can modify the stability of inter-
metallic phases in a consistent way. Hence, the solubil-
ity of Sn in the Fe2Nb Laves phase can be understood in
terms of atomic size and co-ordination number consid-
erations. There is also the strong suggestion that where
no mutual interaction exists between two elements, eg
Al-Sn, the use of in this case Al, can displace Sn from
the matrix or grain boundary sites hence offering a new
strategy for dealing with Sn segregation.

5. Conclusions
The microstructures of the precipitates in low carbon
steels with Sn additions have been characterised and
the effects of Al and Si on the Sn-precipitation have

been discussed. The most important conclusions from
this study are as follows:

1. The precipitates found in the four low carbon
steels after ageing at 1150◦C and 850◦C comprise AlN,
NbC,η-Fe2Nb3 phase and Fe2Nb-Laves phase.

2. In the lower Al and Al free steels aged at 850◦C,
the metastableη-Fe2Nb3 phase has been observed
which dissolves Si replacing Fe.

3. In the higher Al steels aged at 850◦C, the Fe2Nb-
Laves phase was found to dissolve both Si and Sn. Si
additions replace Fe, and Sn replaces Nb. The Laves
phase has a limited solubility for the third element.

4. A concept based on size factor and atomic in-
teractions revealed by study of binary thermodynamic
quantities has been used to explain experimental obser-
vations.
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